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High temperature compressive properties in AZ31 magnesium alloy were examined over a
wide strain rate range from 10−3 to 103 s−1. It was suggested that the dominant deformation
mechanism in the low strain rate range below 10−1 s−1 was dislocation creep controlled by
pipe diffusion at low temperatures, and by lattice diffusion at high temperatures. On the
other hand, analysis of the flow behavior and microstructural observations indicated that
the deformation at high strain rates of ∼103 s−1 proceeds by conventional plastic flow of
dislocation glide and twinning even at elevated temperatures.
C© 2005 Springer Science + Business Media, Inc.

1. Introduction
Die casting has been a principal technique for the fab-
rication of magnesium components because of its high
productivity, suitable strength, quality and dimensional
control [1–3]. The fabrication is also performed by
semi-solid processing of thixotropic molding [1, 4].
However, the fabrication by plastic forming also has
considerable potential because the alloys have higher
ductility and strength than the castings [3, 5, 6], and
because plastic forming enables high productivity and
superior mechanical properties. It is expected that pro-
cesses utilizing plastic forming will be developed.

Plastic formability of magnesium alloys is enhanced
at elevated temperatures, because non-basal slips are
activated in addition to basal slip [7], or superplastic-
ity is observed in fine-grained magnesium alloys [8, 9].
At present, plastic forming of AZ31 magnesium alloy
by deep drawing [10] or forging [11] has been adopted
as a secondary processing in fabricating several elec-
tric appliance housings. In order to optimize the pro-
cessing for plastic forming, it is important to under-
stand the effect of temperature and strain rate on flow
stress. To date, high temperature deformation behavior
[12–28] or hot working characteristics [17, 19, 24, 25,
27, 29–31] of AZ31 alloy has been examined exten-
sively. However, deformation behavior at high strain
rates of 1–103 s−1, where the plastic forming may be
performed [32], has rarely been investigated even in
magnesium alloys [33–38]. Therefore, in the present
study, high temperature deformation behavior of AZ31
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alloy was examined by compression tests over a wide
strain rate range from 10−3 to 103 s−1 with emphasis on
the behavior at high strain rates. The deformation be-
havior was analyzed in connection with the operating
deformation mechanism.

2. Experimental
The alloy used in the present study was a commercial
Mg–Al–Zn alloy, AZ31. The material was received as
an ingot. The material was solution treated at a tem-
perature of 686 K for 48 h followed by water quench-
ing. The grain size of the solution treated material was
150 µm.

Cylindrical specimens of diameter 10 mm and height
5 mm were used for compression tests. The compres-
sion tests were carried out at temperatures ranging from
296 to 723 K and at strain rates from 10−3 to 103 s−1 in
air. The compression tests at strain rates below 10−1 s−1

and at a high strain rate of 103 s−1 were performed us-
ing Instron testing machine and a Hopkinson pressure
bar, respectively. The deformed specimens were water
cooled, sectioned parallel to the compression axis, and
examined using standard metallographic techniques.

Dynamic shear modulus, G, was measured from
room temperature to 693 K by employing the method of
resonant vibration in cantilever specimen holding, ex-
cept at room temperature, which were performed by the
free resonance vibrations. The specimen had a rectan-
gular shape with the length of 60 mm, width of 10 mm
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and thickness of 1.5 mm. The specimen was prepared
by machining.

3. Results
The true stress–true strain curves up to true strain of
0.2 are shown in Fig. 1 for materials deformed at
(a) ε̇ ≈ 10−3 s−1 and (b) ε̇ ≈ 103 s−1. When the
material was deformed at above 573 K and at 10−3 s−1,
steady state flow region was observed over the wide
strains. On the other hand, strain hardening was ob-
served at all temperatures when the material was de-
formed at a high strain rate of 103 s−1, and it was sig-
nificant especially at room temperature. The effect of
deformation temperature on flow stress was relatively
small at a high strain rate.

The variation in flow stress as a function of deforma-
tion temperature is shown in Fig. 2 for all strain rates
examined. The flow stress for each strain rate was de-
termined at a fixed strain of 0.1. It is obvious that the
flow stress monotonically decreased with temperature.

Figure 1 True stress—true strain curves up to true strain of 0.2 in
AZ31 deformed at various temperatures and at (a) ε̇ ≈ 10−3 s−1 and
(b) ε̇ ≈ 103 s−1.

Figure 2 The variation in flow stress as a function of deformation tem-
perature at various strain rates.

Figure 3 The variation in shear modulus as a function of temperature
for AZ31.

Figure 4 The variation in shear modulus compensated flow stress as a
function of strain rate at various temperatures.

It is especially noted that the decrease in flow stress
with temperature at strain rates below 10−1 s−1 was far
greater than that at a strain rate of 103 s−1.

It is beneficial to examine the elastic modulus of the
present material, since the temperature dependence of
shear modulus is included in Fig. 2. The variation in
shear modulus as a function of temperature of measure-
ment is shown in Fig. 3. The shear modulus decreased
linearly with increasing temperature. The temperature
dependence of shear modulus, dG/dT , of the present
material was calculated to be −0.0120 GPa K−1,
and was close to that of pure magnesium (dG/dT =
−0.0088 GPa K−1) [39].

The variation in modulus compensated flow stress,
σ/G, as a function of true plastic strain rate is shown in
Fig. 4. The shear modulus at 723 K was estimated by ex-
trapolation. The slope of the curve in Fig. 4 indicates the
strain rate sensitivity exponent, m. The m-value in the
low strain rate range at room temperature was less than
0.01. The m-value at low strain rates below 10−1 s−1

increased with temperature and exhibited ∼0.14 from
523 to 573 K, and ∼0.2 from 673 to 723 K. Though
the flow stress at a strain rate of 103 s−1 decreased
monotonically with temperature as has been shown in
Fig. 2, the stress level was similar for all temperatures
after compensation by temperature dependent shear
modulus.

4. Discussion
4.1. High temperature deformation

mechanism in the low strain rate range
In this section, high temperature deformation mecha-
nism in the strain rate range between 10−3 to 10−1 s−1
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Figure 5 The variation in (σ/G)−6 at fixed strain rate of 2 × 10−2 s−1

as a function of reciprocal temperature.

is discussed. The constitutive equation to describe the
high temperature deformation is generally expressed as
[40]

ε̇ = A

(
σ

G

)n( D0

b2

)
exp

(
− Q

RT

)
(1)

where ε̇ is the strain rate, A is a constant, σ is the flow
stress, G is the shear modulus, n is the stress exponent
(=1/m), D0 is the pre-exponential factor for diffusion,
b is the Burgers vector, R is the gas constant, T is the
absolute temperature and Q is the activation energy for
diffusion, which is dependent on the rate controlling
process. The stress exponent, n, observed in the present
material was 5–7 (m = 0.14–0.2) as has been shown in
Fig. 4. The n-value of 5–7 suggests that climb controlled
dislocation creep could be a dominant deformation pro-
cess [41]. For simplicity, assuming that the stress ex-
ponent is 6, the relationship between (σ/G)−6 and re-
ciprocal temperature at a fixed strain rate of 2 × 10−2

s−1 is illustrated in Fig. 5. The activation energy can
be calculated from the slope of the line in this figure.
Inspection of the data in Fig. 5 reveals that the behav-
iors are divided into two regions. The activation energy
value at 523–623 K is 89 kJ/mol, which is close to that
for pipe diffusion of magnesium (92 kJ/mol) [39]. How-
ever, the activation energy at 623–723 K is 134 kJ/mol,
which is close to that for lattice diffusion of magne-
sium (135 kJ/mol) [39]. It is suggested from the stress
exponent and the activation energy that the dominant
deformation mechanism in the present material is dis-
location creep, which is controlled by pipe diffusion at
low temperatures, and is controlled by lattice diffusion
at high temperatures, respectively.

It was demonstrated from the experimental results
that the dominant diffusion process varies with tem-
perature in the present material. Robinson and Sherby
[42] introduced the notion of an effective diffusivity in-
volving the lattice diffusion coefficient, DL, and pipe
diffusion coefficient, Dp. The effective diffusion coef-
ficient, Deff, is given by [42, 43]

Deff = DL + β(σ/G)2 Dp (2)

where β is a constant and is generally considered to
be 7.4 for dislocation creep [43] when the relationship

Figure 6 The variation in (ε̇/Deff)b2 as a function of (σ/G) in the low
strain rate range.

is put into our format assuming that the Poisson’s ra-
tio, ν, is 0.3 [19]. Kim et al. [19] pointed out that the
β-value is different in magnesium alloys with h.c.p.
structure, and is estimated to be 0.12 for AZ31 and
AZ61 magnesium alloys. In fact, it was demonstrated
that this β-value can correctly predict the activation
energy observed in the present material. The smaller
β-value in magnesium alloys is believed to be related
to the low dislocation density resulting from the lim-
ited slip systems in h.c.p. structure. Using β = 0.12,
the variation in (ε/Deff)b2 as a function of (σ/G) is
shown in Fig. 6. The Dp and DL for AZ31 was taken
to be that for pure magnesium [39]. The pipe diffusion
coefficient was assumed to be the same as the grain
boundary diffusion coefficient [19, 43] in the present
analysis, too. It is obviously noted that the deforma-
tion behavior in the present material is represented by
a single straight line with a slope of 5 in the normalized
plot compensated by effective diffusion coefficient, al-
though the material showed different activation energy
between high temperatures and low temperatures. Kim
et al. [19] expected that the deformation behavior at
temperatures higher than 700 K may not obey the same
relation with that at lower temperatures, based on the
results that extensive non-basal slip can occur at above
this temperature [44]. However, the dislocation creep
behavior observed in the present material was able to
be represented by the same relation, at least, between
523 and 723 K.

4.2. Deformation mechanism at high
strain rates

Temperature dependence of modulus-compensated
flow stress at a strain rate of 103 s−1 is shown in Fig. 7 for
the present AZ31. It is interesting to note that the stress
level did not decrease with increasing temperature after
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Figure 7 The variation in shear modulus compensated flow stress as a
function of deformation temperature at a strain rate of 103 s−1 in AZ31
alloy. The data for pure magnesium [36] and ZM21 alloy [35] are also
included.

compensation by temperature dependent shear modulus
except at room temperature. The higher stress level at
room temperature may be related to the extensive strain
hardening as has been shown in Fig. 1b. Almost similar
flow stress at elevated temperatures indicates that dif-
fusion process is not a rate-controlling at a strain rate
of 103 s−1. It is concluded that the temperature depen-
dence of flow stress at 103 s−1 is described only by
the temperature dependence of shear modulus in the
present material.

Mwembela et al. [34] and Beer et al. [37] inves-
tigated the high temperature deformation behavior of
AZ31 at a strain rate of 1 s−1. The analyses revealed
that the flow behavior at 1 s−1 is still represented by a
conventional creep equation, indicating that the diffu-
sion contributes to the deformation. The deformation
behavior at a relatively high strain rate of 102 s−1 has
also been examined in pure magnesium [36] and Mg–
Zn–Mn alloy, ZM21 [35]. The results are included in
Fig. 7. The shear modulus for pure magnesium was
taken from reference [39], and that for ZM21 alloy was
assumed to be the same as the present material, AZ31.

Figure 8 Optical microstructures after compression tests deformed at (a) T = 296 K, ε̇ = 10−3 s−1, (b) T = 296 K, ε̇ = 103 s−1, (c) T = 673 K,
ε̇ = 10−3 s−1, (d) T = 673 K, ε̇ = 103 s−1 and (e) same condition as (d) but different region in the same specimen. The compression direction is
vertical.

It is noted that the stress level at 102 s−1 decreased with
temperature even after compensation by shear modulus
for both materials. This may be explained by the sig-
nificant strain hardening at low temperatures and/or the
contribution of diffusion to the deformation.

Deformation mechanism map for pure magnesium
with a grain size of 100 µm, which was constructed by
Frost and Ashby [39], predicts that the plasticity by dis-
location glide and by twinning dominates the deforma-
tion at high stress levels even at elevated temperatures,
though no experimental data for high temperature de-
formation are presented. The upper stress level, below
which power-law creep dominates the deformation in
AZ31, is estimated to be, at least, (σ/G) = 8×10−3 to
1×10−2 from the literature [19, 34, 45] and from Fig. 6.
It is noted that the stress level at a strain rate of 103 s−1

was always higher than the upper stress level for power-
law creep in AZ31, indicating that the power law broke
down completely at all temperatures examined. On the
other hand, since the normalized stress for pure mag-
nesium and ZM21 was lower than (σ/G) = 10−2 at
elevated temperatures, the decrease in flow stress with
temperature may be resulting from the contribution by
diffusion. The unusually temperature dependence of the
flow stress at 103 s−1, i.e., no temperature dependence
of the normalized flow stress, is the first observation of
this type in magnesium alloys.

In order to confirm the high temperature deformation
mechanism at a high strain rate of 103 s−1, deformed mi-
crostructures were inspected. The optical microstruc-
tures are shown in Fig. 8. The specimens were deformed
at (a) T = 296 K, ε̇ = 10−3 s−1, (b) T = 296 K, ε̇ =
103 s−1, (c) T = 673 K, ε̇ = 10−3 s−1, (d) T = 673 K,
ε̇ = 103 s−1 and (e) the same condition as (d) but dif-
ferent region in the same specimen. The plastic strain is
different among all materials. The specimens were de-
formed to the nominal strain of approximately −27 and
−35% at 10−3 and 103 s−1, respectively at room tem-
perature, and approximately −55 and −23% at 10−3

and 103 s−1, respectively at 673 K. The strain does not
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correspond to the fracture strain except for deforma-
tion at T = 296 K, ε̇ = 10−3 s−1. As can be seen
in Figs 8a and b, deformation twins were observed
when the materials were deformed at room tempera-
ture. Highly dense deformation twins were formed in
the material deformed at low strain rates when com-
pared with that at a high strain rate. The fewer twins
observed in the material deformed at 103 s−1 may be
associated with the localization of the flow.

Mukai et al. [46] demonstrated in Mg–Zn–Zr alloy,
ZK60, that the grain size dependence of the yield stress
at room temperature obeys the Hall-Petch relation even
at a high strain rate of 1.8 × 103 s−1. This indicates
that the deformation by slip still operates at high strain
rates in magnesium alloys. Furthermore, deformation
twins were also observed in coarse-grained materials.
Because of the similarity in the deformed microstruc-
ture as well as significant strain hardening, the present
AZ31 alloy may also deform by dislocation glide and
twining at room temperature over a wide strain rate
range.

When the materials were deformed at elevated tem-
peratures and at low strain rates, equiaxed and finer
grains were observed as shown in Fig. 8c, indicating
that recrystallization took place during deformation.
On the other hand, the microstructure was non-uniform
when the material was deformed at 103 s−1: completely
recrystallized microstructure was observed in Fig. 8d,
whereas regions containing many deformation twins
were also remained in places as shown in Fig. 8e. The
non-uniformity of the microstructure indicates that the
deformation at 103 s−1 is still localized at 673 K as
well as at room temperature. In general, domains of
recrystallized grains and the deformation twins rarely
coexist in AZ31 alloy deformed at relatively high tem-
peratures at above 573 K irrespective of the processing
routes (rolling, extrusion and forging) [12, 29, 47, 48].
The microstructure observed in the present material de-
formed at 103 s−1 is unique.

It has been pointed out that the recrystallized grain
size and the deformation conditions can be correlated
using the Zener–Hollomon parameter, Z [49], in mag-
nesium alloys [50]. The variation in recrystallized grain
size as a function of Z is shown in Fig. 9 for the present
material deformed at a strain rate of 10−3 s−1 at temper-

Figure 9 The variation in recrystallized grain size as a function of
Z -parameter in AZ31.

atures ranging from 523 to 723 K, and at a strain rate of
103 s−1 at 673 K. The grain sizes were calculated only
from the recrystallized region. The Z -parameter was
calculated by Z = ε̇ exp (QL/RT) [50], where QL is
the activation energy for lattice diffusion in pure magne-
sium [39]. The data by Chino et al. [30] for AZ31 alloy,
that was deformed in compression at temperatures rang-
ing from 473 to 673 K and at a strain rate of 4×10−3 s−1,
are also included in the figure. The recrystallized grain
size of the present material deformed at 10−3 s−1 agreed
well with the relation derived for reference data, except
at 723 K. The deviation at 723 K is probably because
the deformation temperature is higher than the tem-
perature for solid solution treatment (=686 K). On the
other hand, the recrystallized grain size of the present
material deformed at 673 K and at 103 s−1 obviously
deviated from the relation at low strain rates. This sug-
gests that the recrystallization mechanism at ε̇ = 103

s−1 is different from that at ε̇ = 10−3 s−1. Recently, it
was reported that the twin boundaries evolve into high
angle boundaries by room temperature deformation of
ε ≥ 0.5 in pure magnesium [51–53]. Though the defor-
mation conditions (temperature, strain, strain rate) and
alloying additions differ from the present investigation,
it is tempting to speculate that the similar recrystalliza-
tion mechanism operates at 103 s−1 in AZ31, too, be-
cause the operating mechanism in the present material
is expected to be dislocation glide and twinning. Sup-
posing that the microstructural evolution occurs only at
the flow localized region by the “twin dynamic recrys-
tallization” [51–53], the recrystallized regions will be
formed here, and the regions with deformation twins
also remain where flow localization was less. In con-
clusion, in spite of the existence of the recrystallized
grains, it is suggested that the present AZ31 alloy de-
forms by dislocation glide and twining at high strain
rates of ∼103 s−1.

5. Summary
High temperature compressive properties in AZ31
magnesium alloy were examined over a wide strain rate
range from 10−3 to 103 s−1. A special attention was paid
to the deformation behavior and its mechanism at high
strain rates of ∼103 s−1.

(1) In the low strain rate range below 10−1 s−1, the
strain rate was proportional to the five to seven power
of stress. The activation energy was close to that for
pipe diffusion at 523–623 K, and was close to that for
lattice diffusion at 623–723 K. It was suggested that
the dominant deformation mechanism in the low strain
rate range was dislocation creep controlled by pipe dif-
fusion at low temperatures, and by lattice diffusion at
high temperatures. In spite of the different activation
energy between high temperatures and low tempera-
tures, the deformation behavior was represented by a
single constitutive equation with a slope of 5 from 523
to 723 K by using effective diffusion coefficient.

(2) The flow stress at a high strain rate of 103 s−1

was not dependent on the deformation temperature af-
ter compensation by temperature dependent dynamic
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shear modulus, indicating that the diffusion process is
not a rate-controlling. Analysis of the flow behavior and
microstructural observations indicated that the operat-
ing deformation mechanisms at high strain rates were
dislocation glide and twinning even at elevated temper-
atures.

References
1. I . J . P O L M E A R , Mater. Sci. Tech. 10 (1994) 1.
2. Y . T A K E B A Y A S H I and S . K O I K E , Kobe Steel Eng. Reports

47 (1997) 69.
3. F . H . F R O E S, D. E L I E Z E R and E . A G H I O N , JOM 50 (1998)

30.
4. F . V Z E R W I N S K I , A . Z I E L I N S K A-L I P I E C , P . J . P I N E T

and J . O V E R B E E K E , Acta Mater. 49 (2001) 1225.
5. T . M U K A I , H . W A T A N A B E, T . G . N I E H and K.

H I G A S H I , Mat. Res. Symp. Proc. 601 (2000) 291.
6. T . M U K A I , H . W A T A N A B E and K. H I G A S H I , Mater. Sci.

Forum 350/351 (2000) 159.
7. R . E . R E E D-H I L L and W. D. R O B E R T S O N , Acta Metall. 5

(1957) 728.
8. H . W A T A N A B E, T . M U K A I , M. K O H Z U, S . T A N A B E

and K. H I G A S H I , Acta Mater. 47 (1999) 3753.
9. H . W A T A N A B E, T . M U K A I , M. M A B U C H I and K.

H I G A S H I , ibid. 49 (2001) 2027.
10. T . S H I M I Z U , Alutopia 31(4) (2001) 41.
11. S . H A M A and F . W A T A N A B E , J. Japan Inst. Light Metals 51

(2001) 514.
12. H . W A T A N A B E, T . M U K A I , K . I S H I K A W A, Y.

O K A N D A, M. K O H Z U and K. H I G A S H I , ibid. 49 (1999)
401.

13. H . T A K U D A, H. F U J I M O T O and N. H A T T A , J. Mater. Pro-
cess. Tech. 80/81 (1998) 513.

14. J . K A N E K O, M. S U G A M A T A, M. N U M A, Y.
N I S H I K A W A and H. T A K A D A , J. Japan Inst. Metals 64 (2000)
141.

15. J . K A N E K O, T . A S A H I N A, M. S U G A M A T A, Y.
N I S H I K A W A and H. T A K A D A , ibid. 64 (2000) 1239.

16. H . W A T A N A B E, H. T S U T S U I , T . M U K A I , K .
I S H I K A W A, Y. O K A N D A, M. K O H Z U and K. H I G A S H I ,
Mater. Sci. Forum 350/351 (2000) 171.

17. H . S O M E K A W A, M. K O H Z U, S . T A N A B E and K.
H I G A S H I , ibid. 350/351 (2000) 177.

18. H . W A T A N A B E, T . T S U T S U I , T . M U K A I , M. K O H Z U,
S . T A N A B E and K. H I G A S H I , Int. J. Plasticity 17 (2001)
387.

19. W.- J . K I M, S . W. C H U N G, C. S . C H U N G and D. K U M ,
Acta Mater. 49 (2001) 3337.

20. X . Y A N G, H. M I U R A and T . S A K A I , J. Japan Inst. Light
Metals 52 (2002) 318.

21. X . W U and Y. L I U , Scripta Mater. 46 (2002) 269.
22. H . K . L I N and J . C . H U A N G , Mater. Trans. 43 (2002)

2424.
23. M. M A B U C H I , Y . C H I N O and H. I W A S A K I , ibid. 44 (2003)

490.
24. H . W A T A N A B E, T . M U K A I , K . S U Z U K I and T .

S H I M I Z U , J. Japan Inst. Light Metals 53 (2003) 50.
25. H . N I S H I M U R A, O. H A S E G A W A, N. K O I S O and K.

M A T S U M O T O , ibid. 53 (2003) 302.
26. J . K O I K E, R . O H Y A M A, T . K O B A Y A S H I , M. S U Z U K I

and K. M A R U Y A M A , Mater. Trans. 44 (2003) 445.

27. H . H O S O K A W A, Y. C H I N O, K. S H I M O J I M A, Y.
Y A M A D A, C. W E N, M. M A B U C H I and H. I W A S A K I ,
ibid. 44 (2003) 484.

28. H . S O M E K A W A, H. W A T A N A B E, T . M U K A I and K.
H I G A S H I , Scripta Mater. 48 (2003) 1249.

29. H . W A T A N A B E, H. T S U T S U I , T . M U K A I , K .
I S H I K A W A, Y. O K A N D A, M. K O H Z U and K. H I G A S H I ,
Mater. Trans. 42 (2001) 1200.

30. Y . C H I N O, M. M A B U C H I , K . S H I M O J I M A, Y.
Y A M A D A, C. W E N, K. M I W A, M. N A K A M U R A, T .
A S A H I N A, K. H I G A S H I and T . A I Z A W A , ibid. 42 (2001)
414.
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